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The temperature dependence of micro- 
hardness of the transition-metal carbides 

D. L. K O H L S T E D T *  
Surface Physics, Cavendish Laboratory, University of Cambridge, UK 

Microhardness as a function of temperature has been measured for single crystals of 
TiCo.9,, ZrC0.9,, and NbC0.o7 from room temperature through their ductile-brittle 
transitions and for single crystals of V,C, through the order-disorder transition. The 
present data confirm the result observed for polycrystalline specimens that for 
T<0.5 T,~, the decrease in hardness with increasing temperature for the carbides is 
substantially more rapid than for metals and semiconductors. Above the ductile-brittle 
transitions, the ratios of hardness to yield stress are factors of 1.5 to 3 larger than 
calculated from theory. We suggest that the larger values result from the higher strain- 
rates and larger strains involved in the hardness tests. Arrhenius plots of the hardness 
data for T>0.25 Tm are linear and exhibit changes in slope near 0.33 and 0.44 Tin. The 
former temperature is near the ductile-brittle transition temperature for the disordered 
carbides, and the latter is at the temperature for which a similar change in Arrhenius 
slope occurs in published yield-stress data. In addition, a change in slope is found for VC 
at 0.48 Tm (1275 ~ which is the order-disorder transition temperature for V,C, -*  VC0.,4. 
These changes in slope are suggestive of corresponding changes in the thermally-activated 
processes governing plastic flow. 

1. Int roduct ion 

Characteristic of the carbides of the group IV 
and group V transition metals is a phase with 
the familiar NaC1 structure. The carbon sub- 
lattice in this phase can support from 1 to 50 
vacant sites [1] and, with the exception of 
V6C 5 [2], exhibits no long-range ordering. The 
most outstanding physical properties of the cubic 
transition-metal carbides are their extreme 
strengths and high melting temperatures. 

To study the plastic flow of a carbide from 
room temperature to near its melting point 
(,-,3000 to 4000~ two distinctly different 
techniques are required. In the brittle region 
(below one-third a cubic carbide's melting 
temperature), microhardness indenting is used 
because the large hydrostatic pressure under the 
indenter prevents brittle failure [4, 5]. In the 
ductile region, uniaxial loading or bending 
methods are necessary because the sharp edges 
of  the indenter blunt either by softening or 

chemical reaction. The latter technique is 
preferable because during hardness indenting 
neither the stress nor the strain-rate is homo- 
geneous [6], and the latter can be orders-of- 
magnitude larger than in uniaxial measurements. 
Yet, the hardness test remains a valuable 
technique, for it provides, at the very least, a 
relative measure of yield strengths of solids that 
are otherwise brittle. 

Both the hardness and the yield stress as 
functions of temperature have been studied for 
the disordered carbides. Hardness data [9-12], 
which are available for polycrystalline specimens 
well into the ductile region, demonstrate that the 
yield strength of the carbides decreases nearly 
ten times more rapidly with increasing tem- 
perature than does the hardness of other covalent 
solids such as Si and Ge [9]. Yield stress, which 
also falls rapidly, decreases exponentially with 
increasing temperature [3, 13, 14]. An Arrhenius 
plot of yield stress data is characterized by more 
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than one linear region, suggesting that at least 
two thermally activated processes may be 
important in plastic flow of the carbides [3]. 
Williams [3] has pointed out that an extra- 
polation of yield-stress data to room temperature 
gives a value several orders-of-magnitude higher 
that estimated from hardness data. He suggests, 
therefore, that if thermally activated mechanisms 
are involved, at least one more process with a 
lower activation energy is required to connect 
the high- and low-temperature results. Previous 
hardness studies have not examined this point. 

In the ordered carbide V6C5, the ductile- 
brittle transition is coincident with the order- 
disorder transition near T~/2. As found for the 
disordered carbides, the yield stress of VC0.s4 
above the ductile-brittle transition temperature 
is an exponential function of inverse temperature 
[13]. Room-temperature hardness measurements 
on V6C5 have demonstrated that anti-phase 
domain boundaries (APB's) impede disolocation 
motion [15]. However, no one has provided data 
connecting the low-temperature and high- 
temperature results and demonstrating a change 
in mechanical strength associated with the 
disordering of the carbon sublattice and the 
removal of the domain boundaries. 

The present paper reports the hardness of 
single crystals of TiC, ZrC, VC, and NbC from 
room temperature to above the ductile-brittle 
transition as measured from micro-indentations. 
These data are compared with earlier hardness 
results on polycrystalline specimens, and cor- 
relation is made with yield-stress data. The 
Arrhenius nature of the hardness results is 
examined (a) above the ductile-brittle transition 
to determine whether the two linear regions 
observed in yield-stress measurements can be 
detected in hardness studies, and (b) below the 
transition to test for the existence of an addi- 
tional thermally activated mechanism. Finally, 
for VGC 5 particular attention is given to the effect 
of the order-disorder transition on hardness. 

2. Experimental 
The specimens indented were as-grown, single 
crystals with the following carbon-to-metal 
ratios: TIC0.96, ZrC0.94, VC0.84, and NbC0.sv 
The ZrC, VC, and NbC crystals were grown by 
the floating-zone technique [16], and their 
carbon-to-metal ratios were determined by 
chemical analysis. The TiC crystal was grown by 
the Linde Division of Union Carbide Corpora- 
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tion by the arc-Verneuil process [17], and its 
carbon-to-metal ratio was found by comparison 
of its room-temperature Vickers hardness with 
Williams' data on TiC for Vickers hardness 
versus carbon-to-metal ratio [18]. The major 
impurities of the crystals were oxygen and 
nitrogen, which were present at levels of less 
than 0.01 wt ~ .  

With the crystals oriented to the (001) by 
Laue back-reflection, discs of 1 cm diameter and 
0.5 mm thickness were sliced with a spark 
eroder. The discs were metallographically 
polished to a 3 gm diamond finish, then etched 
in a ceric oxide-sulphuric acid slurry to remove 
the worked layer [19], which, in the case of 
V6Cs, made visible its optical domain structure 
when viewed through crossed polarizers [2]. The 
V6C 5 specimens had optical domains averaging 
5 pm across, corresponding to a cooling rate 
through the order-disorder transition of 10~ 
sec -1 [15]. 

Indentation experiments were carried out in a 
vacuum of 5 x 10 .5 to 1 x 10 .4 Torr  in the 
high-temperature indenting apparatus described 
in a separate paper [20] with a load of 500 g [15 ]. 
The load was lowered at a rate of 10 lam sec -1, 
approximately one-third that of a commercial 
Leitz mini-load hardness tester, and applied for 
10 sec. Both Knoop and Vickers indenters were 
used. At least five indentations were made at 
each temperature, and all indentations for a 
given run were made with parallel diagonals to 
eliminate variations in hardness due to hardness 
anisotropy which can be as large as 25 ~ in the 
carbides [18, 21]. However, the crystallographic 
direction of the indenter diagonal was arbitrary 
and, except for ZrC, was varied from one run 
to the next. The length of each indentation was 
measured twice in a metallurgical microscope 
at a magnification of either x 200 or x 500. 

Three specimens each of TiC, ZrC, VC, and 
NbC were indented with a Knoop diamond 
indenter from room temperature to approxi- 
mately 1000~ Because of the failure of the 
indenter tips by graphitization in the case of 
diamond and fracture in the case of B4C, an 
assortment of indenters was used above 1000~ 
One VC specimen was successfully indented from 
room temperature to 1500~ with a Knoop 
diamond indenter as well as at 1300, 1400, and 
1500~ with a Vickers, B4C indenter; data for 
one ZrC specimen were obtained from room 
temperature to 1130~ with a second Knoop 
diamond indenter; and acceptable indentations 
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were made in one specimen of NbC from 1000 to 
1510~ with a Knoop B4C indenter. 

To reveal the dislocation distribution near the 
indentations, TiC and ZrC specimens were 
etched in boiling H2SO~ [17] and VC and NbC 
were etched in a warm 40 HCI: 10 HNO3: 
1 HF bath for several minutes [22]. 

3. Results 
Representative hardness versus homologous 
temperature data for TiC, ZrC, VC, and NbC 
are presented in Fig. 1, and In hardness versus 
inverse temperature data are plotted for these 
four carbides in Figs. 2 to 5, respectively. The 
slopes and associated homologous temperature 
regions of the Arrhenius plots are given in 
Table I; the values used for T~, are the ]iquidus 
temperatures [35], In Figs. 3 and 5, the error 
bars indicate the estimated error in the hardness 
when it is greater than 4 ~ .  Indentations yielding 
hardness values with uncertainties of less than 
4 ~  were made with indenters that had sharp, 
flawless edges and point, and the uncertainties 
were taken as the standard deviation of the five 
or more indentations made at a single tempera- 
ture. Errors in the slopes associated with these 
data are less than 6 ~ .  Errors of greater than 4 
were encountered when the indenter edge or tip 
deteriorated during a run, either by fracturing, as 
for B4C, or by graphitization, as for diamond, 
and were estimated at 2 0 ~  by comparing 
"perfect" and "imperfect" indentations made at 
the same temperature. If more than 5 ~  of an 
indentation was affected by the damaged 
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Figure 3 L o g  h a r d n e s s  v e r s u s  i n v e r s e  t e m p e r a t u r e  f o r  
ZrC. CRSS r e s u l t s  a r e  p r e s e n t e d  f o r  c o m p a r i s o n  [3 ]. 

portion of the indenter, the data point was 
rejected. The uncertainty in the slopes of the 
straight lines fitted to these less certain data is 
approximately 30 ~ .  The straight lines through 
the data points represent best fits, assuming a 
regionally linear relation between In hardness 
and inverse temperature. 

For TiC, Fig. 2, the data from only one run 
are presented; the results of all three runs are in 
good agreement, as evidenced by a standard 
deviation of  1 0 ~  in their slopes. Because the 
crystallographic orientation of the indenter 
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T A B L E  I Arrhenius slopes of present hardness results 
from Figs. 2 to 5. The slopes are calculated 
from O(InH )/ O(1/ T). 

Carbide T~ (~ Temperature range Slope 
(T/Tm) (IO'K) 

TiCo.9~ 3025 ~0.25  to 0,32 0.14 
0.32 to 0.38 0.53 

ZrCo.94 3400 ,---0.25 to 0,34 0.34 
0.34 to 0.41 0,4 (5) 

VCo.84 2950 ~0 .25  to 0.32 0.04 
0.32 to 0,42 0.27 
0.42 to 0,48 0.66 
0.48 to 0.55 2.14 

NbC~.s7 3600 ~0.25 to 0.34 0.09 
0.34 to 0,45 0.9 
0.45 to 0.48 1.1 
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Figure 4 Log hardness versus inverse temperature for 
VC. CRSS results are presented for comparison [13]. 

diagonal differed for each of the three runs, the 
Arrhenius plot of hardness for one run was 
nearly parallel, though not colinear, with that 
of the next. As is done for the other carbides 
discussed below, the published results for 
critical resolved shear stress (CRSS) are also 
sketched for comparison. 

The hardness of ZrC versus inverse tem- 
perature for two series of indentations with 
parallel diagonals, one from room temperature to 
800~ and one from room temperature to 
1130~ are plotted in Fig. 3 to demonstrate the 
reproducibility obtainable with our apparatus. 
As with TiC, the slopes for the other two runs 
to 800~ agree well with those calculated from 
the  data in Fig. 3. 
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Figure 5 Log hardness versus inverse temperature for 
NbC. CRSS results are presented for comparison [3]. 

Slopes calculated from the data for the room 
temperature to 1500~ run on VC, Fig. 4, are in 
good agreement (10~)  with those of the three 
runs to 1000~ in the region of overlap. The 
diamond indenter used for the 1500~ run, and 
previously for TiC, NbC, and VC to 1000~ 
began to graphitize at 1500~ The hardnesses 
obtained at 1300, 1400, and 1500~ with the 
B4C Vickers indenter agree within 10 % with the 
data of Fig. 4. 

Two sets of data are shown for NbC in Fig. 5; 
one is representative of the three runs made with 
the Knoop diamond from room temperature to 
930~ and the other is the data obtained with a 
slightly damaged B~C Knoop indenter from 1000 
to 1510~ 

The most outstanding feature of the Arrhenius 
plots of hardness is the distinct linear regions 
into which the data fall. It is difficult to imagine 
that a smooth curve would be more appropriate 
for any of the data, except possibly that of ZrC, 
and the precedent set by the data for TiC, VC, 
and NbC provides ample justification for fitting 
straight lines to the ZrC results also. 

4. Discussion 
4.1 Previous hardness-temperature data 

As early as 1955, Westbrook [7] studied the 
hardness of TiC from room temperature to 
700~ More recently, several additional in- 
vestigations of hardness versus temperature have 
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been reported for the carbides [8-12]; the tem- 
perature range and references for these in- 
vestigations are collated in Table II. For 
comparison, the data for TiC of these authors are 
plotted with those of the present study in Fig. 6. 

The agreement among the six sets of data 
presented in Fig. 6 is thought to be quite good 
considering the fact that several details differ 
from one experimenter to the next. Only the 
present study and that of Atkins and Tabor [9] 
use single-crystal specimens, but the two 
studies differ in that above 600~ the latter 
employed mutual-indentation techniques while 
the former involves only the micro-indentation 
method. In those experiments involving sintered 
carbides, density and grain-size are important 
factors which could account for deviations 
among the several authors' results. Another 
parameter influencing the hardness of the car- 
bides is stoichiometry; for example, at room 
temperature TIC0.94 is 140~ harder than 
TiC0.va and this discrepancy is increased at 
1000~ to 180~ [12]. Certainly impurities, 
particularly oxygen and nitrogen which readily 
occupy vacant carbon sites in the lattice, also 
influence the hardness. 

In addition to the properties of the specimens, 
the nature of the indentation process is im- 
portant. Firstly, parameters such as the rate of 
loading and time of application of the load are 
important; the former controls the strain-rate, 
and the latter, especially at high temperatures, 
effects the distance the indenter penetrates the 
specimen and thus the indentation size and 
corresponding hardness [6]. Secondly, both 
micro- and mutual-indentation techniques, which 
differ substantially in detail, were used. Finally, 
both Knoop and Vickers micro-indentations are 

TABLE IIPrevious hardness studies on transition- 
metal carbides. 

Carbides Temperature Reference 
range 

TiC 25 to 700~ Westbrook [7] 
TiC and NbC 25 to 1200 Miyoshi 

and Hara [8] 
Tic 25 to 1900 Atkins 

and Tabor [9] 
TiC and NbC 1000 to 1600 Koester 

and 1009 to 1800 and Moak [10] 
Tic, ZrC, VC, -25 to 900 Westbrook 

NbC and Stover [11 ] 
Tic 25 to 2000 Samsonov et al 

[121 

sensitive to crystallographic orientation of the 
indenter diagonal, varying 25 and 10~o res- 
pectively, between the [100] and [110] on the 
(001) for TiC [211. 

Although agreement within the carbide family 
for the several investigations is fairly good 
(Figs. 1 and 6), a comparison in Fig. 7 of 
hardness versus temperature below T~/2 for 
TiC with that for Cu, Ge, and Si [9] reveals an 
enormously rapid decrease in hardness with 
increasing temperature for TiC. A search for an 
explanation of this large rate-of-change in 
hardness with temperature has recently been 
presented as part of an investigation of the 
influence of temperature on the active slip 
systems in the carbides [21 ]. 

Hannink et al [21] have shown, by measuring 
the anisotropy in hardness (i.e., the dependence 
of hardness on the orientation of the long axis of 
a Knoop indenter) and by employing the analysis 
of Brookes et al [23], that the active slip system 
in TiC undergoes a change near 200~ In their 
analysis of the resolved shear stresses under an 
indenter on the active, crystallographic slip 
systems, Brookes et al formulated an equation 
which relates the effective resolved shear stress 
to hardness anisotropy and correctly predicts the 
active slip systems of more than twenty crystals 
of six different crystal structures. Application of 
this analysis to hardness-anisotropy data at 
several temperatures for TiC, shows that in the 
low temperature regime (T < 200~ the 
{110} ( 1 1 0 ) s y s t e m  is active, in the inter- 
mediate regime (200 ~< T ~< 600~ both the 
{110} ( l i 0 )  and the {111} ( 1 1 0 )  sys- 
tems are active, and in the high temperature 
regime (T < 600~ the {1 1 1} ( 1 i0 ) system 
is active. These three temperature regimes also 
exist, though at different temperatures, for the 
other cubic, transition-metal carbides. 

The change from the {1 10} ( 1 1 0 )  to the 
{111} ( 1 1 0 )  slip system with increasing 
temperature and the rapid drop in hardness with 
increasing temperature suggest that covalent 
bonding between carbon and metal atoms, 
thought to be important in the carbides [24], is 
reduced in strength with increasing temperature. 
We suggest that at lower temperatures the high 
directionality of the covalent bonds inhibit slip 
on the close-packed {1 1 1} planes, and that the 
strength of these bonds results in low dislocation 
mobility and room-temperature brittleness; 
however, as the temperature is increased, high- 
mobility s electrons are thermally activated and 
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screen the hybridized orbitals which form the 
covalent bonds, thus affecting the rapid decrease 
from covalent-like hardness at low temperatures 
to metallic-like hardness at elevated temperatures 
by permitting slip to occur on the {1 1 1} { 1 i 0 )  
system [21 ]. The temperature-dependence of the 
Hall coefficient [25, 26] provides experimental 
evidence for an increase in the conduction 
electron population as the temperature increases, 
an effect especially marked for TIC0.96. 
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4.2. Comparison with yield stress 
Hill [4] and Tabor [5], using the condition that 
the hydrostatic pressure under the indenter 
plays no role in the plastic deformation, have 
analysed the indentation process to show that 
hardness, H, is related to yield stress, Y; by 

H =  3Y; 

that is, two-thirds of the pressure under the 
indenter is hydrostatic and one-third is shear 
stress; only the latter produces plastic flow. This 
equation is derived assuming that the indented 
solid is isotropic and fully work-hardened and 
that elastic deformation is unimportant. For 
many metals, this expression is well obeyed [6]. 

To extend the analysis to a broader range of 
solids, Marsh [27] considered the role of elas- 
ticity in the indentation process. He suggested 
that elastic deformation of the "hinterland" was 
important and used as a model hydrostatic 
pressure expanding a spherical cavity in a plastic- 
elastic solid. In 1950, Hill [4] showed that for a 
solid with Young's modulus E and Poisson's 
r a t i o ,  

2 E H =  j 1 + In 3(1 -- v) Y" 

Empirically, Marsh [27] found that 

E 
H_~ 0.07 + 0.6 In 
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and theoretically Johnson [28] showed that 

2 I !  + l n E c ~  01 H=~ 3 r  r 

where 0 is the semi-angle of the indenter. For the 
carbides at 1000~ with Poisson ratio near 0.2, 
Young's modulus in the order of 3 x 104 
kg mm 2 [29] and yield stress in the order of 30 
kg mm -2 [3], all three equations for H yield 

H~_4.5Y.  

A comparison of the present hardness results 
with the yield-stress or CRSS data of Williams 
[3] and Hollox [13], Figs. 2 to 5, demonstrate 
that H/Y has a value between 6 and 12, depen- 
dent on the carbide and temperature considered. 
The fact that the experimental ratio is larger 
than predicted suggests that the strain-rates in- 
volved in the hardness experiments are substan- 
tially higher than in the yield-stress studies. 
Williams [3] has shown that yield stress is a 
sensitive function of strain-rate for the carbides; 
for example, when the strain-rate for TiC at 
1400~ is increased from 2 x 10 -4 sec -1 to 
2 x 10 -2 sec -1, the critical resolved shear stress 
increases from 3 to 10 kg mm -2. This direction 
and magnitude of the change in yield stress with 
increased strain-rate indicates that in comparing 
hardness and yield-stress data account should 
be taken of strain-rate differences. The large 
experimental values of H/Y also partly result 
because the total strain involved in the uniaxial 
compression tests, 1% [3], is smaller than in 
hardness measurements, 8 % [6]. 

It is not unusual for rocksalt-structured solids 
to exhibit a high hardness-to-yield stress ratio, 
H/Y ~- 30 [30]. In ionic solids, high H/Yvalues 
are thought to reflect the fact that the deforma- 
tion under the indenter is constrained because 
the {1 10} ( 1 i0  ) slip system does not fulfill 
the von Mises criterion. In the present case, 
however, H/Y values are calculated in the 
temperature regime in which the {1 1 1} (1 10) 
slip system is active in the carbides so that an 
arbitrary shape change can be accommodated. 
This feature of high-temperature deformation of 
the carbides, as contrasted with ionic crystals, has 
also been discussed in relation to the lack of 
cracking in eformed polycrystalline samples 
[18]. (At r ~ m  temperature TiC slips on 
{110} ( l i 0 )  so that H/Y may approach a 
value of 30 at lower temperatures.) 

4.3. Arrhenius nature 

Two features stand out in the Arrhenius plots of 
the present hardness data, Figs. 2 to 5. Firstly, 
In H and 1/T are linearly related and, secondly, 
several linear regions exist. Williams [3] ob- 
served these same features in his In CRSS versus 
1/T data for TiC, Fig. 2; and Figs. 3 and 5 
indicate that his CRSS data for ZrC and NbC 
follow the same pattern. 

Since Williams' observation, several investiga- 
tions of deformation of the carbides have 
reported (a) in the case yield-stress or flow-stress 
measurements, the existence of more than one 
linear Arrhenius region [3, 13, 14, 31] or (b) in 
the case of creep studies, a change from one 
activation energy to a second with increasing 
temperature [18, 32-34]. These Arrhenius slopes 
and activation energies with associated homo- 
logous temperature ranges are presented with the 
mode of deformation and reference in Table lII. 
Because Kelly and Rowcliffe [14] do not take a 
stress exponent into account in calculating their 
activation energies, the Arrhenius slopes which 
we calculated from their energies are tabulated. 
We also computed the slope values which are 
presented from the data of Williams [3] and of 
Hollox [13]. A recent hardness versus tem- 
perature study by Samsonov et al [12] is 
deleted because their analysis relies on "a rather 
unusual creep relation" [6]. 

The general conclusion to be drawn from 
Tables I and III is that transitions from one 
Arrhenius region or activation energy to the next 
occur at rather well-defined homologous tem- 
peratures for the carbides: 

TRI: (0.25)? <T<0.33 T.m 
TR2: 0.33 ~<T<0.46 Tm 
TRs: 0.46 <T<0.66  Tm 
T R 4 : 0 . 6 6  <~T<(? Tin). 

(Hardness data for ordered VC exhibit an.. 
additional change in slope at its order-disorder 
temperature.) 

Although definite transitions occur near 0.33 
Tin, 0.46 T,,, and 0.66 Tin, additional experi- 
mental evidence is necessary to confirm the 
lower bound of TR1 and the upper bound of 
TR4. It should be emphasized (a) that the 
transition near 0.46 T,~ first found in CRSS data 
[3] and dislocation-loop annealing-rate data 
[35] are also observed in the present hardness 
results, and (b) that the transition near 0.33 T~,, 
first noted in the present work, is in the proximity 
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TABLE I I I  Slopes or activation energies with associated temperature ranges from constant strain-rate (1), constant 
stress 0r), and electron microscopy (EM) experiments for single crystals (S) and polycrystals (P). The 
slopes are calculated from c~(InH)/~3(1/T). 

Carbide Form Temperature range Slope Activation Techniques Reference 
(T]T,,,) (104K) energy (eV) 

TiCo.gv S 0.36 to 0.46 - -  2.3 i 
TiCo.95 S 0.33 to 0.45 0.6 - -  

0.45 to 0.57 0.9 3 
TiCo.97 P ,--0.46 - -  3 

0.46 to 0.61 - -  6 
TiCo.93 S 0.50 to 0.60 - -  3.3 cr 
TiCo.g7 P ,--O.58 - -  5.6 c~ 

~0.63 - -  7.6 
TiC0.r5 P 0.54 to 0.66 0.7 - -  

0.66 to 0.70 2.4 - -  
TiCo.~ S < 0.48 - -  3.4 EM 

>0.48 - -  5.3 
ZrCo.s8 S 0.32 to 0.42 0.6 - -  

0.42 to 0.51 0.9 - -  
ZrCo.~s P 0.56 to 0.66 - -  3.3 ~r 

0.66 to 0.76 - -  8.7 
ZrCo.as S 0.46 to 0.67 - -  4.8 a 
VCo.,~4 S 0.48 to 0.66 2.1 - -  
VCo.r~ S 0.33 to 0.45 0.7 - -  

0.45 to 0.56 1.5 - -  
VCo.61 P 0.50 to 0.69 0.7 - -  

0.69 to 0.81 2.3 - -  
NbCo.76 S 9.34 t6 0.42 0.5 - -  d 

0.42 to 0.49 0.8 - -  
NbCo.95 P 0.48 to 0.61 0.6 - -  

0.61 to 0.64 2.2 - -  

Hollox [13] 
Williams [3, 18] 

Murray [31 ] 

Williams [18] 
Keihn and Kebler [32] 

Kelly and Rowcliffe 
[14] 

Hollox and Smallman 
[351 

Williams [3] 

Leipold and Nielsen 
[33] 

Lee and Haggerty [341 
Hollox [13] 
Hollox [13] 

Kelly and Rowcliffe 
[14] 

Williams [3] 

Kelly and Rowcliffe 
[14] 

of the strain-rate sensitive [3], ductile-brittle 
t ransi t ion temperature found  in uniaxial  com- 
pression measurements.  

Two points  relevant to the discussion of 
thermally activated mechanisms for plastic 
flow emerge from the present work. Firstly, no t  
only above but  also below the ductile-brittle 
t ransi t ion temperature,  hardness fits a l inear 
Arrhenius  plot  and  thus can be expressed as 
H oc exp (Q/RT), where Q is the activation 
energy governing plastic flow. The change in 
slope of In H versus 1/T near  the ductile-brittle 
t ransi t ion suggests a corresponding change in 
mechanism control l ing the dislocation dynamics. 
Will iams [3] noted the necessity for a new 
mechanism, so as to provide agreement, at 
room temperature,  between extrapolated yield- 
stress results and hardness data. Secondly, 
above the ductile-brittle transit ion,  at least three 
Arrhenius  regions well defined in temperature,  
exist. One interesting correlat ion to be noted, 
though it may be fortuitous,  is that  the high- 
temperature  t ransi t ion occurs near 2/3 Tin, 

784 

Shewmon's  " ru le-of - thumb" temperature [36] 
for the t ransi t ion from a dominan t  mass transfer 
process of short-circuited diffusion to one of 
bulk diffusion. This observation may be im- 
por tan t  if deformat ion in TR3 and TR4 is 
governed by creep due to dislocation climb as is 
the case for metals above 0.5 Tm [37]. 

Ideally we would like to analyse our hardness 
data to obta in  activation energies for each 
temperature region. Below T~/2 no theory exists 
for extracting activation energies. However, it 
is interesting to note that  the Arrhenius  slopes 
from yield-stress and hardness data are in fair 
agreement, :k 3 0 ~ ,  considering the inherent  
differences in the two techniques and  the 
stoichiometry variations between carbide speci- 
mens. 

Above Tm/2 (i.e. for temperatures sufficiently 
high so that  diffusion is important) ,  Atkins  et al 
[38] have analysed the indentat~Lon process in 
terms of t ransient  creep controlled by dislocation 
climb and found for a constant  load applicat ion 
t ime 
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H = K1 exp(Q/m RT) 

where K1 is a constant and m is defined in the 
steady-state creep relation for strain rate ~ and 
stress 

= K~e ~ e x p ( -  Q/RT). 

Tabor [6] has pointed out that the same equation 
for H results if steady-state, rather than transient 
creep, is assumed. The determination of the 
activation energy, then, depends upon the 
choice of m. 

Creep experiments above 0.5 T,~ have 
generally yielded values for m on the order of 5 
[37]; m = 5 is also consistent with values found 
in the single crystal, steady-state creep studies on 
ZrC [34]. However, Atkins et al [38] found 
that for A1, Sn, and MgO rn _~ 10 is more 
appropriate for the high stresses (~ > 10-aelastic 
modulus) involved in the indentation process. 

Of the present hardness data, only that for 
VC extends to T > T~/2. Activation energies 
calculated from these data are 9.3 eV for m = 5 
and 18.6 for m = 10. The latter value for the 
activation energy appears to be much too large 
to be consistent with known energies for 
thermally activated processes in the carbides. 
The 9.3 eV value is in reasonable agreement with 
activation energies of 7.6 eV [32] and 8.7 eV [33] 
for high-temperature, steady-state creep in TiC 
and ZrC, respectively. These activation energies 
might be associated with metal diffusion which is 
known to proceed with an activation energy of 
7.7 eV in TiC [39]. However, the uncertainties in 
calculating the 9.3 eV energy from the Arrhenius 
slope of the hardness data and the lack of 
diffusional data for V in VC make the identifi- 
cation of this energy tenuous at best. 

The identification of mechanisms controlling 
plastic deformation in the carbides is a complex 
problem, requiring both more theory and more 
data than are presently available. Processes, 
such as surmounting a high Peierls barrier, 
dislocation interaction, debris formation, and 
diffusion, are all undoubtedly important. These 
various mechanisms have been discussed in the 
light of diffusion measurements [39-41] and 
electron-microscope observations [31, 34, 35] 
in recent reviews [13, 42, 43]. 

4.4. Order-disorder transition 

The transition from V6C5 to VC0.84 near 
1275~ is marked by a distinct change in slope 
in both the hardness-temperature and the In 
hardness-inverse temperature plots, Figs. 1 and 

4. Consistent with the other carbides studied, the 
Arrhenius plot of hardness for VC also under- 
goes changes in slope near 0.33 T~ and 0.44 Tin. 
The similarity in the Arrhenius nature of VC and 
the other carbides suggests that the basic 
mechanisms that limit dislocation motion in the 
non-ordered carbides are important also for 
ordered VC. However, the less rapid decrease in 
hardness with increasing temperature below and 
the large change in Arrhenius slope at the 
transition temperature demonstrate that the 
ordering acts to strengthen VC. Two recent 
electron-microscopy studies of V6C~ have 
revealed two of the strengthening mechanisms. 

Hannink and Murray [15] have investigated 
the influence of domain boundaries on the room- 
temperature hardness of V6C5. Hannink 
measured a 13 ~ decrease in hardness when the 
axial-domain size was increased, by adjusting the 
rate of cooling through the order-disorder 
transition, from 0.3 to 7.5 pro. Two possible 
models for domain-boundary hardening were 
suggested, one involving a dislocation-domain 
boundary interaction similar to the Hall-Petch 
[44, 45] analysis for grain-boundary hardening 
and a second based on Cottrell's [46] model for 
anti-phase domain-boundary hardening. In a 
second paper, Hannink et al [47] have demon- 
strated that dislocations in VGC5 leave APB 
trails. These trails will also act to increase the 
strength of V6C5 with respect to the disordered 
carbides. Removal of these obstacles to dis- 
location motion should result in a marked change 
in hardness. 
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